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ABSTRACT
Intergranular stress corrosion cracking (IGSCC) of two commercial alloy 600 conditions (6OOLT, 600HT) and controlledpurity Ni-18Cr-9Fe alloys (CDMA, CDTT) were investigated using constant extension rate tensile (CERT) tests in primary water (0.01M LiOH + 0.01M H,BO,) with 1 bar hydrogen overpressure at 360°C and 320°C. Heat treatments produced two types of microstructures in both commercial and controlled-purity alloys: one dominated by grain boundary carbides (600HT and CDTT) and one dominated by intragranular carbides (600LT and CDMA). CERT tests were conducted over a range of strain rates and at two temperatures with interruptions at specific strains to determine the crack depth distributions. Results show that in all samples, IGSCC was the dominant failure mode. For both the commercial alloy and the controlled-purity alloys, the microstructure with grain boundary carbides showed delayed crack initiation and shallower crack depths than did the intragranular carbide microstructure under all experimental conditions. This data indicates that a grain boundary carbide microstructure is more resistant to IGSCC than an intragranular carbide microstructure. Observations support both the film rupture/slip dissolution mechanism and enhanced localized plasticity. The advantage of these results over previous studies is that the different ' carbide distributions were obtained in the same commercial alloy using different heat treatments, and in the other case, in nearly identical controlled-purity alloys. Therefore, observations of the effects of carbide distribution on IGSCC can more confidently be attributed to the carbide distribution alone rather than other potentially significant differences in microstructure or composition. Crack growth rates increased with increasing strain rate according to a power law relation with a strain rate exponent between 0.4 and 0.64. However, crack growth rate measured in d u n i t strain decreased with increasing strain rate indicating an effect of either the environment or creep. The temperature dependence of the crack growth rate was consistent with the literature. Micrograph showing a marked area of the 600HT alloy condition during an interrupted CERT test using an initial strain rate of ~x~O -~S -' in 360°C primary water containing 1 bar hydiogen overpressure: (a) 10% strain, 
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Creep curves of commercial alloy NX8844 (samples A1 and D1) In this work, the effect of carbide distribution on IGSCC in hydrogenated primary water at elevated temperature is evaluated by comparing cracking propensity, as characterized by the crack depth distribution, in a microstructure consisting of predominantly grain boundary carbides against one containing predominantly transgranular carbides at different strain rates and different temperatures. This comparison is made for both commercial alloy 600 and controlled-purity alloys, making it possible to relate the IGSCC behavior of controlled-purity laboratory heats to those of commercial alloys, and in both cases, eliminating the effects of other potentially significant microstructure changes.
EXPERIMENT
Materials
Commercial alloy 600 in two conditions (600LT, 600HT), and controlled-purity alloys (CDMA, CDTT) were used in this study, the chemical compositions of which are listed in Both batches A and D have nominal carbon concentrations of 690 wppm. As the result of a higher hot working temperature, batch D has higher carbon in solution concentration than does A; 17 1 wppm versus 69 wppm. The amount of carbon in solution for D and A are lower than the equilibrium values for Ni-Cr-Fe-C at the corresponding hot working temperatures, which should be 1700 wppm and 650 wppm, respectively. One reason for the difference is the formation of the more stable titanium carbide which reduces the availability of carbon in the materials. Also, slow cooling during processing is likely to have precipitated additional carbon as chromium carbides.
The dissolution method has a detectability limit around 15 wppm. This also explains the near zero result for specimen Dx. Apparently, 82 hours thermal treatment at 700°C reduced the carbon level to near the solubility limit of 22 wppm. This is close to thedetectability limit of the dissolution technique, hence, the near zero result. We will repeat the thermal treatment for shorter time in an effort to achieve a carbon in solution value close to that for batch A.
The controlled-purity CDMA alloy was hot worked at a temperature of 880°C in four stages, yielding a 60% reduction in thickness after the final pass. The controlled-purity CDTT alloy was thermomechanically processed to yield a thermally treated-type (TT) microstructure containing predominantly intergranular carbides. A solution anneal at 1100°C for 20 minutes was followed by room temperature compression of 45% in the thickness direction. The alloy was then recrystallized at 920°C for 5 minutes to produce 35 pm grains. In order to precipitate grain boundary carbides, the alloy was thermally treated at 700°C for 6.5 hours. The thermal treatment was prescribed using the DEPLETE code (Refs. 17-18) in order to retain 140 wppm carbon in solution. This was done in order to isolate the effect of carbide distribution by retaining a similar level of carbon in solution as the CDMA alloy. Table 1 shows the total carbon content for each alloy condition, the amount of carbon in carbides and the amount remaining in solution as determined by the techniques just discussed.
Microstructures of each of the alloy condi-
produced by etching in a CuSO, solution for 30 seconds in order to reveal both the grain structure and carbide distribution. Grain boundary carbide coverage fraction was determined in scanning electron microscopy, by measuring the fraction of the length of the grain boundaries that were covered with carbides.
Testing Method and Environment
Constant extension rate tensile (CERT) tests were used to determine the IGSCC susceptibility for different microstructures. The samples had nominal dimensions of 15.0 mm gauge length, 3.0 mm width and 1.0 mm thickness ( Fig. 2) . All surfaces were ground through 2400 grit paper, followed by polishing with 5 pm, 1 pm and 0.5 pm alumina powders. Two fine scratches were made on the gauge area of each sample in order to calculate the actual plastic deformation and locate the reference area for crack growth monitoring. Before the test samples were examined by scanning electron microscopy (SEM) and the dimensions of the gauge area and the original distance between the reference marks were recorded.
The reference environment for all CERT tests was primary water (0.001 M LiOH + 0.01 M H,BO,) containing 1 bar hydrogen overpressure at 360°C. Prior to application of load, the autoclave was deaerated with high purity Ar for at least 30 hours to bring the dissolved oxygen level below 10 ppb. The variance in the test temperature control was k2"C. The nominal strain rate was 3~10'~s'', and strain rate effects on cracking were determined by conducting tests at 1x10-6s-' and 8xlO-*s-'. One test at 320°C with a initial strain rate of 3~1 0 -~ s-l was performed in order to verify the temperature effect on IGSCC behavior of different carbide distributions. All CERT tests were interrupted at lo%, 16%, 19% and 28% strain levels so that information could be obtained on crack growth.
Crack Characterization
At each interruption, crack length density and crack depth distribution were determined from sample side surfaces using a replica technique. In this technique, samples were coated with acetone, and acetate strips were then carefully placed on the side surface and allowed to dry. The strips were peeled off after 10 minutes and a double sticky tape was used to hold these replicas on a flat metal plate. The replicas then were coated with carbon and subsequently shadowed with gold at a 45" angle. Images of replicas and of the side surfaces directly, were captured using a Philips xL30 SEM. Crack length and crack depth measurements were made using the NIH Image 1.59 Program@. For each sample, a reference point was identified so that after each strain interval, crack morphology as a function of plastic strain could be traced.
In order to quantitatively evaluate the IGSCC behavior, a set of damage parameters, determined from crack length and crack depth distributions were introduced, as defined in Figure 3 . Their definitions are as follows:
The crack length density is used to study crack initiation phenomena and the maximum crack depth is utilized to analyze crack growth. Crack growth rates were determined from crack depth measurements taken after known strains and exposure times.
DcL--crack length density (pm/pm2) = total crack length / measured area. A higher DCL value indicates that more cracks have been initiated on the sample surface.
CD--maximum crack depth (pm) = depth of the deepest crack measured. 
RESULTS
Stress-Strain Behavior
Stress-strain curves of commercial alloy conditions 600LT and 600HT, and controlled-purity CDMA, CDTT alloys tested in primary water containing 1 bar hydrogen overpressure at three strain rates and two temperatures are shown in Figures 4 (a)-(d). The 600LT and 600HT tests reported in Figures 4(a) and (b) were taken to failure at 360°C with the initial strain rates of 1x10-6s-' and ~x~O -~S -' , respectively, and the maximum stresses and failure strains are given in Table 3 . Commercial alloy conditions 600LT and 600HT had significantly higher flow stresses than did those of the controlledpurity alloys. At both strain rates, the 600HT condition had a total elongation of more than 38%, while the 600LT condition failed around 28% strain. The failure strains of CDMA and CDTT were comparable in both tests and close to 40%. As the strain rate increased from 3x107s-' to 1x104s-', the maximum stresses for 600LT and CDMA, with predominantly transgranular carbides, increased from 641 MPa to 740 MPa and from 571 MPa to 613 MPa, respectively. In contrast, the maximum stresses for 600HT and CDTT, with predominantly intergranular carbides remained around 730 MPa and 542 MPa at both strain rates.
The test at a strain rate of 8xlO%', shown in Figure 4 (c), was stopped before failure occurred, due to fracture in the sample threads in two of the samples. Nevertheless, up to this point, the relative behaviors of the commercial and controlled-purity alloys were similar to that for the test at 3 x lo=] s-', in which the commercial alloys showed a higher strength than the controlled-purity alloys and little difference between alloy conditions. The test at 320°C in Figure 4 (d) showed a greater separation in strain hardening behavior than at 360°C. But as in the other tests, the commercial alloys had the higher strength. Figure 5 (a) shows that less than 3% of the fracture surface can be attributed to intergranular cracks, while the balance is due to ductile fracture. Figure  5 (b) is an SEM micrograph of the side surface of the same sample showing significant intergranular cracking with almost all cracks oriented perpendicular to the tensile direction. These observations illustrate the problem with using %TG fracture on alloys which undergo considerable plastic deformation. The following sections focus on the characterization of cracks determined from SEM examination and replica analysis of the sample surface.
Crack Initiation
Crack length densities (DCL) were used to obtain information on the crack initiation phase. The relationship between crack length density and plastic strain at different strain rates and temperatures is shown in Figures 6(a)-(d) . Commercial alloy 600LT and 600HT had higher crack length densities than did the controlled-purity analogues at a given amount of strain in all test conditions, suggesting that the commercial alloy is more susceptible to IGSCC initiation. The crack length density for commercial alloy 600LT and 600HT conditions at 360°C and the nominal strain rate of 3x10-7s'1 increased with strain up to a value of 15% strain, after which it plateaued and then decreased with further plastic strain, Figure 6 (b). This maximum crack length density represents a condition of crack saturation where, based on SEM observation, almost all grain boundaries lying perpendicularly to the tensile direction have been opened. At greater strain, existing cracks opened wider with no increase in crack length. This increased crack opening (width) reduced the measured crack length value per unit area because cracks near the edge of the examination area moved out of the field of view. Hence, the saturation of crack length density is real, while the subsequent decrease is an artifact of the measurement technique.
For commercial alloy 600, the value of DCL at saturation was higher for 600LT than for 600HT In all test conditions. When the strain rate increased from ~x~O -~S -' to 1x10-'s-', the saturation point for 600HT was postponed because of the lower crack initiation rate caused by the higher strain rate (Fig. 6(b) ). A drop in temperature had a much greater effect on crack initiation rate than did changes in strain rate. After lowering the test temperature to 320"C, DCL.values for 600LT and 600HT at 15% stram were only one third of the DCL values at 360°C for the same strain rate (Fig. 6(c) ).
Unlike the commercial alloy 600, D,, values of controlled-purity alloys CDMA and CDTT never reached saturation points before the failure in any test condition, due to the extremely low crack initiation rate. Figs. 7(a)-(c) and 8(a)-(c) ) clearly show the processes of crack initiation, crack growth and crack saturation for 600LT and 600HT with increasing plastic deformation. After 16% strain, no new cracks appeared in the micrographs for either condition. It is also clear that 600LT had a higher D, , at 10% strain and larger crack widths at 16% and 19% strains than did 600HT. The larger crack width in the 600LT condition implies a larger crack depth, which correlates with a greater IGSCC susceptibility for a microstructure with mainly transgranular carbides in hydrogenated, high purity water. Similar observations (not shown) were also obtained for controlled-purity alloys. Micrograph showing a marked area of the 600HT alloy condition during an interrupted CERT test using an initial strain rate of 3x10-7s-1 in 360°C primary water containing 1 bar hydrogen overpressure: (a) 10% strain, (b) 16% strain, and (e) 19% strain
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Crack Depth
Maximum crack depth as a function of plastic strain for 600LT, 600HT, CDMA and CDTT are presented in Figures 9 (a)-(d) . The lines through the data points were determined using a linear regression analysis. Conditions 600HT and CDTT, with intergranular carbides, had lower maximum crack depths at a given amount of plastic strain than did conditions 600LT and CDMA, respectively for all strain rates and both temperatures. However, there was not a clear difference between the commercial purity alloy and the controlled-purity alloys in terms of crack depth at a given value of strain.
The effect of strain rate on IG crack propagation is evident from the slopes of the curves. The slopes become steeper with decreasing strain rate, indicating that crack growth rate per unit of strain increases with decreasing strain rate. This is not necessarily true, however, for the crack growth rate per unit of time. This behavior will be discussed further in the discussion section.
Crack Depth Distribution
Additional information can be gained from crack depth distributions plotted as a function of increasing strain. Figures  lO(a)-lO(c) show the crack depth distribution in the commercial alloy conditions 600LT and 600HT as a function of strain from CERT tests at 360°C with strain rates of 1 x 10" s-' and 3 x and at 320°C with a strain rate of 3 x 10-7s-'. For all test conditions and all strain levels, the crack depth distribution for the 600LT condition extended to greater crack depths than for the 600HT condition. At 10% strain, 600LT had more cracks than did 600HT in all three test conditions, indicating that crack nucleation was easier in the 600LT condition. Samples tested at 360°C with a strain rate of 3 x 10-7s-' had much higher crack densities at each crack depth interval compared with those tested at 320°C with the same strain rate. Comparing the crack depth distributions from different strain rates at 360"C, the higher strain rate test produced crack depth distributions that extended to slightly greater depths, but had considerably lower crack densities at short depths. This indicates that the lower strain rate promoted greater crack nucleation.
Creep Experiments
Specimens A1 and D1 were tested in constant load tensile (CLT) tests at a stress level of 544 MPa for 750 hours (following CLT tests at stress levels of 5 12 MPa for specimen A1 and 544 MPa for specimen D4 for 145 hours). The testing environment was primary water containing 1 bar hydrogen overpressure at 360°C. Figure 11 presents the straintime curves from last 750 hours CLT tests. For specimen A1 , the transient creep lasted the entire testing period and the average creep rate was calculated by using data after the initial 200 hours, which was 3.8~10-~s-'. However, specimen D1 showed a steady state creep behavior after 400 hours, with a corresponding creep rate of 6.8~10-'~s-'. It is clear that these creep rates will underestimate the total creep strain for the corresponding specimens. Figures 12 (a) and (b) show the side surface cracking of specimens A1 and D1 after total 895 hours CLT test, respectively. Specimen A1 had more IG cracking than specimen D1, which is consistent with CERT test results. 
DISCUSSION
The discussion will focus on the processes of crack initiation (as measured by crack length density) and crack propagation (as measure by crack depth and crack growth rate) and their dependence on carbide distribution, strain rate and temperature in CERT tests. The behavior of the commercial alloys in CLT tests will also be discussed. Comparisons will be made between the commercial alloy 600 conditions and controlled-purity alloys, and with the literature.
Effect of Carbide Distribution
The effects of carbide distribution on IGSCC initiation and propagation behavior of commercial alloy 600 are presented Figures 13 and 14 , which show crack length density and maximum crack depth as a function of grain boundary carbide coverage, respectively. The controlled-purity alloys (not shown) behave in a similar manner. Figure 13 shows the relationship between crack length density at 10% plastic strain and grain boundary carbide coverage for the commercial alloy for different test conditions. Crack initiation is most sensitive to strain at lower strain levels (see Figure 6 ) and saturation of the surface crack density begins to occur at strains above 15%. For both commercial alloy 600 and the controlled-purity alloys, a higher grain boundary carbide coverage results in lower crack length density, irrespective of strain rate and temperature. Taking crack length density as a measure of the propensity for crack initiation, these results indicate that intergranular carbides do indeed have a beneficial effect on IGSCC initiation of Ni-16Cr-9Fe alloys in hydrogenated, high purity water at elevated temperature.
Information on crack propagation is given in Figure 14 , in which the maximum crack depth at 28% plastic strain is plotted vs. Rios (Ref. 24) found that crack depths of alloy 600 containing grain boundary carbides were one-fifth of those in alloy 600 containing matrix carbides in 360°C primary water containing 4 bar hydrogen overpressure. The advantage our results over previous studies is that the different carbide distributions were obtained in the same commercial alloy using different heat treatments, and in the other case, in nearly identical, controlled-purity alloys. As such, observations of the effects of carbide distribution on IGSCC can more confidently be attributed to the carbide distribution alone rather than other. potentially significant differences in microstructure or composition. Grain boundary carbide coverage YO Figure 13 Crack length density vs. grain boundary carbide coverage for commercial alloy 600 after 10% strain in primary water containing 1 bar hydrogen overpressure as a function of strain rate and temperature Grain boundary carbide coverage YO Figure 14 Maximum crack depth vs. grain boundary carbide coverage for commercial alloy 600 after 28% strain in primary water containing 1 bar hydrogen overpressure as a function of strain rate and temperature
The two most likely mechanisms to explain these observations are film rupture/slip dissolution or enhanced localized plasticity. It is possible that differences in the surface film at the grain boundary account for differences in IG cracking propensities, following a film rupture/slip dissolution based model. A Cr-rich surface film is thermodynamically stable in 360°C primary water (pH-8). At this pH, the Ni-Ni(OH), stability line falls between the 0 and 1 bar hydrogen lines, favoring a thermodynamically unstable Ni-rich surface film at 1 bar hydrogen (Ref. 14) . A less stable film would result in increased cracking according to a film rupture/slip dissolution based model. Chromium carbide dissolution at the grain boundary might result in the formation of a more stable, Cr-rich film at the crack tip in CDTT and 600HT, compared to a relatively Ni-rich film at the crack tip in CDMA and 600LT. As a result of these local differences, less frequent film rupture and quicker film repair would result in both low corrosion and hydrogen evolution rates in the grain boundary carbide microstructure under 1 bar hydrogen conditions. Support for this idea is provided by Shei et al. Ref. 25 who found that Cr-rich oxides formed preferentially at the crack tips of several nickel-base alloys in high temperature caustic environments. They proposed that the formation of Cr-rich oxides near the crack tip was responsible for the high SCC resistance of thermally treated alloy 600.
A second possible mechanism is one in which grain boundary carbides enhance localized plasticity to reduce crack initiation and propagation. Recall from Figure  5 that IGSCC initiated preferentially at grain boundaries oriented perpendicular to the tensile direction, with very little cracking observable at grain boundaries parallel to the tensile direction. Dissolution processes alone can not explain the IGSCC initiation behavior, and stress must play an important role in initiation. Enhanced localized plasticity may occur due to either vacancy injection or hydrogen absorption caused by localized dissolution. According to this mechanism, the key process is slip localization at the grain boundaries and blunting of the crack tip by the grain boundary carbide. Blunting may occur by dislocation emission and consequent reduction of local stresses as proposed by Bruemmer (Ref. 15) . This reduction of stress will result in delayed IGSCC initiation and also a lower crack growth rate as observed in this study. Alternatively, the more tortuous, carbideladen path for intergranular cracks in the 600HT and CDTT treatments may contribute to reduced initiation and propagation by mechanically "interfering" with crack propagation. In either case, the role of grain boundary carbides is to alter the deformation characteristics at the grain boundary.
Ef'fect of Strain Rate
The effect of carbide distribution on crack initiation and propagation as a function of strain rate is shown in Figures 15-17 . For both commercial alloy 600 and controlledpurity alloys, the strain rate change from 8x10%' to 1x10-6s-' has no significant effect on crack initiation behavior, except that the controlled-purity alloys appear to be less susceptible to crack initiation than is the commercial alloy (Fig. 15) . However, crack propagation is more sensitive to strain rate (Table 4) . Crack propagation, represented as crack growth rate is shown in Figure 16 (in units of d s ) where the crack growth rate increases with strain rate. This is not surprising if crack propagation is strongly driven by stress. However, when the crack growth rate is plotted as crack depth per unit of strain (Fig.17) , there is a strong inverse dependence on strain rate. Per unit of deformation in the sample, the crack advance is greater at lower strain rates, indicating that the environmental effect is greatest at lower strain rates, as expected. Also, regardless of which measure of crack growth rate is used, the conditions with high grain boundary carbide coverage (600HT and CDTT) show consistently lower crack growth rates than do those with lower carbide coverage. Strain rate (ssl) Figure 15 Crack length density vs. strain rate for commercial alloy conditions 600LT and 600HT, and controlled-purity alloys CDMA and CDTT after 10% strain in 360°C primary water containing 1 bar hydrogen overpressure 
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Figure 17. Crack growth rate in d u n i t strain vs. strain rate for commercial alloy conditions 600LT and 600HT, and controlled-purity alloys CDMA and CDTT in 360°C primary water containing 1 bar hydrogen overpressure
In his analysis of CERT tests, Santarini (Ref. 26) showed that the crack propagation rate is related to strain rate by a power law in which the strain rate exponent should be close to a value of 0.5. Noel et al. (Ref. 27) and Boursier et al. (Ref. 28 ) investigated the effect of strain rate on IGSCC of alloy 600 in hydrogenated primary water at 360°C and found such a behavior in that increasing strain rate resulted in increased crack rowth rates over the strain rate range 6 x 10-to 3 x s-'. The slope of a log-log plot of crack growth rate vs. strain rate yielded a value of 0.58 for the strain rate exponent. This value agrees well with data from Combrade (Ref. 29) who measured a value of 0.66 under similar conditions. Analyzed in the same way, the slope of a log-log plot for the four alloy conditions used in this study vary from 0.4 to 0.64 (Table 4) in close agreement with the literature data. The fact that the slope is less than 1 .O means that the crack growth rate measured in units of (dunit strain) will increase with a decreasing strain rate. This F is significant in that it shows that for a given amount of strain, a slower strain rate will produce deeper cracks, as observed. It also implicates the role of creep in the cracking process, as slower strain rates allow more time for creep processes to occur. 
Effect of Temperature
The effect of temperature is shown in Figures 18 and 19 where crack length density and crack growth rate, respectively, are plotted vs. temperature. Both are higher at 360°C than at 320"C, as expected of a thermally activated process. However, crack initiation in the commercial alloy was much more dependent on temperature than in the controlled-purity alloys (Fig. 18) . The temperature dependence of crack depth was quite consistent across all alloy conditions. The activation energy for crack growth determined from this data ranges between 7 and 18 kcal/mol (Table 5) . Temperahwe ( Figure 20 , the crack growth rates for both the controlled-purity alloys and the commercial alloy are consistent with laboratory tests on alloy 600 in primary water in the same temperature range. They are also in agreement with crack growth rates measured on-site in reactor pressure vessel head penetrations. Pichon et al. (Ref. 33) reported in 1994 that the mean value of the maximum crack growth rate for 20 alloy 600 vessel head penetrations was 4.2 x lo-" m/s. This value compares favorably with the crack growth rate range 1.3 -3.9 x lo-" m/s measured for the alloy conditions in this study in 320°C primary water, the condition most comparable to the on-site measurements. Thus, the crack growth rates measured here for both commercial and controlled-purity alloy conditions are well within the range of those measured on commercial alloys both in the laboratory and on-site.
Creep
One of the major objectives of this study, the role of creep in the intergranular cracking process, was investigated by using the constrained crack opening model proposed by Rice (Ref. 34 From the observation that cracks are continuous along the grain boundaries with the very shallow crack depth, the value of a i n Equation (2) The experimental result for A1 is close to the theoretical value assuming no grain boundary sliding. The result for D1 falls midway between the extremes. It is suggested by these results that specimen D1 with mainly intergranular carbides has more accommodating grain boundaries compared with matrix deformation. In contrast, specimen A1 , with a majority of intragranular carbides has relatively rigid grain boundaries compared to matrix deformation. Since the creep rate is directly proportional to the mobility of dislocations in the material, if matrix dislocation motion cannot be accommodated at the grain boundaries, increased grain boundary damage will occur (Ref. 38) . The accommodating grain boundaries in batch D, which probably comes from the intergranular carbides, may be the explanation of less grain boundary separation and lower cracking propagation. For all alloy conditions, IGSCC was the dominant failure mode. For both the commercial alloy and the controlledpurity alloys, the microstructure with grain boundary carbides showed delayed crack initiation and shallower crack depths than did the intragranular carbide microstructure under all experimental conditions. This data indicates that a grain boundary carbide microstructure is more resistant to IGSCC than an intergranular microstructure. Observations are consistent with both the film rupture/ slip dissolution mechanism and enhanced 27 localized plasticity. Crack growth rates increased with increasing strain rate according to a power law relation with a strain rate exponent between 0.4 and 0.64. The fact that the exponent was less than 1.0 means that crack depth and crack growth rate measured in d u n i t strain increases, as observed, with decreasing strain rate. This behavior is consistent with an effect of either the environment or creep. The temperature dependence and magnitude of the crack growth rate was consistent with the literature.
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